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Abstract

In situ rheo-SAXS (small-angle X-ray scattering) and—rheo-WAXD (wide-angle X-ray diffraction) techniques were used to investigate the
role of high molecular weight species on the evolution of oriented microstructure in isotactic polypropylene (iPP) melt under shear flow. The two
iPP samples, designated as PP-A and PP-B, respectively, had the same number-average (M,,) but different weight-average (M,,) and Z-average
(M,) molecular weights. Molecular weight distribution (MWD) of PP-A and PP-B was such that for MW < 10° the MWD curves overlapped;
whereas in the high MW tail region, the amount of high molecular weight species was higher in PP-B than PP-A. Both samples were subjected to
an identical shear condition (rate=60 s~ l, duration=>35 s, T= 155 °C). In situ 2D SAXS and WAXD images allowed the tracking of shear-induced
oriented structures in the melt. It was found that the shish structures evolved much earlier, and the degree of crystal orientation and oriented crystal
fractions were higher in PP-B than PP-A. Moreover, PP-B exhibited faster crystallization kinetics than PP-A. These results, along with the
predictions of double reptation models of chain motion and experimental studies of chain conformation dynamics in dilute solutions under flow,
suggest the following: When a polymer melt that consists of entangled chains of different lengths is deformed, the chain segments aligned with the
flow eigenvector can undergo the abrupt coil-stretch-like transition, while other segments would remain in the coiled state. Since, flow-induced
orientation decays much more slowly for long chains than for short chains, oriented high molecular weight species play a prominent role in
formation of the stretched sections, where shish originates. Our experimental results are strong evidence of the hypothesis that even a small
increase in the concentration of high molecular weight species causes a significant increase in the the formation, stability and concentration of the
flow-induced oriented microstructure.
© 2006 Elsevier Ltd. All rights reserved.
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1. Introduction Brownian motion of chain segments and, surprisingly, is very

fast, on the order of nanoseconds [6]. In flow, molecules orient

Polymer melts under flow exhibit many important macro-
scopic effects, including flow-dependent viscosity, higher
normal stresses, enhanced nucleation and crystallization rate
and shish—kebab morphology. These are related to the flow-
induced structural changes from liquid to solid states. The
extent of these changes depends upon the type and intensity of
the flow field [1]. In general, polymer crystallization evolves
through formation of stable nuclei; which are thought to consist
of a certain minimum number of aligned chain segments [2-5].
The nucleation process is dictated by stochastic events such as
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and/or stretch. Clearly, the degree of molecular orientation and/
or extension affects their ability to organize, align and form
stable primary nuclei. These early stage nucleation events lead
to formation of a scaffold of nuclei, which are also termed the
oriented microstructures [7-12]. Upon crystallization, it
manifests into crystals with varying degrees of orientation,
and the final polymer morphology exhibits a distribution of the
oriented and unoriented crystals. It should be emphasized that
these structures evolve in the polymer melt at very early stages
of crystallization. Clearly, control of the initial nuclei land-
scape is the key to manipulating the final morphology and
properties [13-25]. For this, knowledge of its characteristics;
i.e. density (number of nuclei/volume) and nature of nuclei
(shish or point-like) and their degree of orientation (with
respect to the flow direction), is essential. In addition to the
flow parameters, polymer structural properties such as
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molecular weight (MW) and molecular weight distribution
(MWD) obviously affect, both qualitatively and quantitatively,
the characteristics of the flow-induced oriented microstruc-
tures, which is the subject of this paper.

Extensive studies of the effects of MW and MWD on
polymer crystallization rate and morphology can be found in
the literature. For example, Monasse and coworkers [26]
performed fiber pullout experiments at 125-130 °C using three
iPP polymers that differ in MW. They found that the
crystallization rate exponentially increased with MW. Their
study included three different polypropylenes: Ziegler-Natta
based and Metallocene based homopolymers, as well as
ethylene—propylene copolymers. The growth rate enhancement
under shear at 126 °C was found to be governed by MW,
especially the weight-average molecular weight (M,,). A
rheological study of three iPP polymers with differing MW
and MWD at 138-140 °C by Vleeshouwers and Meijer [27]
showed that the high molecular weight tail enhanced crystal-
lization after shear. The results of short-term shear experiments
of Jerschow and Janeschitz-Kriegl [28] with /PP at low degrees
of showed that long polymer molecules were predominantly
responsible for the formation of highly oriented surface layers
due to shear. Bove and Nobile [29] reported in situ optical
analysis of step shear experiments at 86 and 95 °C performed in
a Linkam shear stage with two poly(1-butene) samples having
different M, and z-average molecular weights (M,). The higher
molecular weight sample showed shorter induction times and
enhanced nucleation density. They concluded that M, and M,
are the most effective averages in the flow-induced crystal-
lization. Recently, Acierno, et al. [30] carried out rheological
and rheo-optical shear flow experiments on a sequence of
isotactic poly(1-butene) of different M,, (116-398 k) at a
temperature of 103 °C. They found that, while the quiescent
crystallization was essentially M,-independent, an increase of
M,, resulted in larger nucleation and crystallization rates at a
given shear rate. Also, the optical micrographs of crystallizing
polymer revealed that a transition from an isotropic to a rod-
like morphology occurred at high values of flow intensity,
which was characterized by the Weissenberg number, W;=
shear rate Xlongest relaxation time. The longest relaxation
time implicitly contains information on the polymer molecular
weight.

From the physical viewpoint, basic mechanisms of the
molecular weight effects in flow-induced crystallization are
relatively well understood. For linear polymers, relaxation time
scales as 3.4 power of the molecular weight. After cessation of
flow, long (or high MW) chains can remain oriented for longer
time than short (or low MW) chains. Thus, in polydisperse
polymers, the flow effects on the crystallization kinetics and
morphology can be related to the presence of a long tail of high
MW chains. However, the role of long chains in the formation
of oriented structures at the early stages of crystallization is not
entirely clear. In this regard, the experimental temperature (7)
or degree of supercooling (with reference to the melting point
of polymer, T,,), AT=T,,—T, plays a key role because of the
following reasons. At high AT, crystallization rate is high,
which is further enhanced in flow, and both the oriented and

unoriented crystals can simultaneously crystallize. The
unoriented crystals can overwhelm the resultant crystalline
phase microstructure if AT is too large, such that the
observation of the characteristic features of oriented structures
would become difficult. (Note that most of the previous
studies were performed at large AT). At small AT, it is easier to
discriminate between the oriented and unoriented structures.
However, suitable techniques with high sensitivity are required
for the detection. In these aspects, in situ rheo-SAXS (small-
angle X-ray scattering) and -WAXD (wide-angle X-ray
diffraction) techniques using high intensity synchrotron
X-rays have unique advantages. Synchrotron X-rays provide
high sensitivity and allow detection of the oriented structures at
the early stages of their evolution. We have successfully used
these techniques for characterizing the flow-induced oriented
structures in many polymer systems including /PP [31-34],
long chain branched /PP [35], a blend of /PP and atactic-PP
[36], polyethylene (PE), and blends of low and high molecular
weight PE [37]. In this study, a temperature of 155 °C was
selected for rheo-SAXS and -WAXD experiments, which
corresponds to AT of about 8 °C for the chosen /PP samples.
The real time 2D SAXS and WAXD images allowed the
observation of the subtle differences in the oriented micro-
structures as they evolve in the sheared melt.

2. Experimental

Two experimental isotactic samples, PP-A and PP-B, made
by the Ziegler-Natta method were chosen for this study. Their
molecular weights (number-averaged molecular weight, M,,
weight-averaged molecular weight, M,,, and z-averaged
molecular weight, M,) and melt index are presented in
Table 1, where M, and M, were higher for PP-B than PP-A,
and M, was about the same for both samples. Fig. 1(a)
compares the molecular weight distribution (MWD) curves for
PP-A and PP-B, obtained by gel permeation chromatography
(GPC). It was found that MWD curves of both polymers
overlapped in the low molecular weight region (M <10°). A
magnified view of the high molecular weight tail region is
illustrated in Fig. 1(b), which showed that the amount of the
high molecular weight species was slightly higher in PP-B than
in PP-A.

A Linkam CSS-450 high temperature shearing stage
modified for in situ X-ray scattering/diffraction studies was
used for rheo-SAXS and -WAXD experiments. Details of the
shear stage, as well as the experimental procedure, were given
in previous publications [31-32]. Typically, a pressed polymer
ring, OD=20 mm, ID=10 mm and thickness=0.5-1.0 mm,
was mounted between the two parallel plates (X-ray windows)
of the shear stage. Prior to shear, the sample was subjected to a

Table 1

Molecular weights (M,,, M, and M,) and melt index of PP-A and PP-B
Sample M, (g/g mol) M, (g/gmol) M, (g/gmol) Meltindex
PP-A 46,600 263,900 730,700 7

PP-B 46,200 30,1800 100,4000 4.6
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Fig. 1. (a) Comparison of molecular weight distribution (MWD) curves of PP-A
and PP-B obtained from GPC. (b) Magnified view of high molecular weight tail
region of PP-A and PP-B.

thermal treatment in order to ensure that the polymer melt was
free of any memory effects associated with clusters, crystal
aggregates and molecular conformation. The temperature
protocol for shear experiments was as follows.

1. Heat the sample from room temperature to 200 °C at a rate
of 30 °C/min.

. Hold the temperature at 200 °C for 5 min.

. Cool at 30 °C/min down to 155 °C.

. Hold the temperature at 155 °C for 30 min.

. Cool to room temperature.

W AW N

The X-ray measurements were carried out in the X27C
beamline at the National Synchrotron Light Source (NSLS),
Brookhaven National Laboratory (BNL). The wavelength, A, of
X-ray beam was 1.366 A and 1.371 A for SAXS and WAXD
experiments respectively. A 2D MARCCD detector
(MARUSA) was employed for the detection of 2D SAXS
and WAXD patterns. The detector resolution was set at 1024 X
1024 pixels (pixel size=158 um). X-ray patterns of the
standard samples: silver behenate and Al,O;, were used for
calibration of sample to detector distances for SAXS
(1729 mm) and WAXD (111 mm), respectively. One X-ray
pattern of the amorphous melt was collected immediately after
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the temperature reached 155 °C, before shear. Subsequently,
the polymer melt was subjected to a step-shear (shear rate=
60 s~ !, duration=5s). 2D SAXS and WAXD patterns were
collected continuously after cessation of shear. One hundred
and twenty images, four per minute, were collected in a single
run. At the end of the isothermal step, the sample was cooled to
room temperature. One X-ray pattern of the sheared sample
was also collected at room temperature. All X-ray data were
corrected for background (air and instrument) scattering before
analysis.

3. Results

3.1. Rheo-SAXS

3.1.1. In situ SAXS images at high temperature

Fig. 2 shows 2D rheo-SAXS patterns of PP-A and PP-B
samples before shear and at selected times after cessation of
shear. The flow direction is vertical and is considered the same
as the fiber axis. The pattern before shear (at =0) exhibited a
weak diffused scattering ring, indicating that the melt was
isotropic without any detectable structures and/or preferred
orientation. This confirmed that the thermal treatment was
effective in erasing prior memory effects. Typically, the
equatorial streak in SAXS pattern is attributed to the formation
of oriented structures or shish, oriented parallel to the flow
direction; meridional maxima are attributed to the layer-like
oriented structures or kebabs, oriented perpendicular to the
flow direction. SAXS patterns of PP-A and PP-B in Fig. 2
showed, qualitatively, how the imposed shear affected
the nature of oriented microstructures as they evolved in the
sheared melt. A weak equatorial streak was observed in the
pattern of PP-B at #=0.5 min, while the corresponding pattern
of PP-A did not show any equatorial scattering. Clearly, the
shish structure evolved earlier in PP-B than PP-A. As the shish
in the polymer melt must have originated from the clusters of
aligned chain segments, the shorter time of their evolution in
PP-B can be related to the higher amount of the MW species in
the distribution. The kebabs developed after the formation of
shish. The scattered intensity of the equatorial streaks and
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Fig. 2. 2D SAXS images of PP-A and PP-B at selected times after shear (shear rate=60 s ', duration=35 s and T= 155 °C).
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meridional maxima (indicated by arrows in Fig. 2) increased
with time for both polymers, indicating that both shish and
kebab contents increase with crystallization time. It is
interesting to note that the scattering patterns at the late stages
of crystallization for both PP-A and PP-B samples exhibited a
cross-like equatorial streak feature, which can be attributed to
relaxation of chains, resulting in tilting of the shish structure.
The misorientation angle between the cross-like streaks was
found to increase with time, which is consistent with the
relaxation process. In addition, SAXS patterns at the later
stages (+>5 min) showed diffused scattering, superimposed on
the oriented features. Quantitative calculations of scattering
due to the oriented and unoriented scatterers will be presented
in the later section.

3.1.2. SAXS images at room temperature

Fig. 3 shows SAXS patterns obtained after cooling the
sheared melt to room temperature (the melt was cooled at the
end of the isothermal step; i.e. 30 min after shear). As
expected, these patterns exhibited strong total scattered
intensity due to the increase in crystallinity. SAXS patterns
clearly showed overlaps of (1) diffused scattering (unoriented
crystals), (2) equatorial streaks (cross-like due to misoriented
shish), and (3) meridional maxima (kebabs). During the
cooling step, obviously, all crystallizable species in the
polymer melt attempt to crystallize, within the scaffold of
the crystallization precursor structure formed at high tempera-
tures. The room temperature pattern clearly resembles the
pattern formed at high temperatures, suggesting that the
precursor structure dictates the final morphology. It is expected
that the initially formed crystals, both oriented and unoriented,
grow as well as become more perfect; i.e. the chain segments
within the crystals reorganize and align, which increases the
electron density contrast, and thus the SAXS intensity. In
addition, new crystals can nucleate and grow. Interestingly,
these patterns also showed higher order scattering peaks
(indicated by arrows in Fig. 3), indicating that the oriented
lamellae stacks (kebabs) are well correlated; i.e the average
spacing between the layers becomes quite uniform.

3.2. Rheo-WAXD

In WAXD patterns obtained at a wavelength of 1.371 A, the
monoclinic a-crystalline form of /PP reflections could be
indexed as follows: (110) at 20=12.6°, (040) at 15.1°, (130) at
16.6% (111) at 18.9°, and (—131) at 19.5°, where (110), (040)
and (130) reflections were seen on the equator and (111) and
(—131) reflections were seen off the meridian axis. In Fig. 4, it
is seen that the WAXD image of PP-B collected at time =
1 min after shear exhibited a well-oriented diffraction pattern
with strong (110), (040) and (130) reflections on the equator.
This suggests that the crystals, formed in the early stage after
shear, were very well oriented in the flow direction. The
crystals formed at the later stages were less ordered due to the
chain relaxation, which is consistent with the observation of
the SAXS evolution. In addition, the azimuthal breadths of the
crystal reflections were found to be narrower with the increase
in the degree of crystal orientation. The azimuthal breadth of
the (110) reflection, the strongest among all iPP reflections,
was used as a marker to estimate the degree of orientation of
the ‘parent’ lamellae or kebabs.

3.2.1. In situ WAXD images at high temperature

Fig. 4 shows rheo-WAXD patterns of the two samples
before shear and at selected times after shear. It was seen that,
at about 0.5 min after shear, equatorial arcs of (110), (040) and
(130) reflections were detected in the WAXD pattern of PP-B,
while the corresponding pattern of PP-A did not show any
crystal reflections. Clearly, the oriented ‘parent’ lamellae or
kebabs were formed at 0.5 min in the sheared melt of PP-B,
while there was no evidence of crystallization in the sheared
melt of PP-A during the same time frame. At about 1 min after
shear, equatorial arcs of (110), (040) and (130) reflections were
detected in the WAXD pattern of PP-A. Subsequently, the
intensities of crystal reflections increased with time for both
samples as expected. In addition, the patterns at the later stages
showed off-meridian arcs of (111) and (—131) reflections.
These reflections were detected later because their relative
intensity was lower than the other crystal reflections. The
patterns at r >5 min, for both polymers, showed evolution of
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Fig. 3. 2D SAXS images of sheared PP-A and PP-B at room temperature. Note that sheared melt was kept at 155 °C for 30 min after cessation of shear, and then

cooled to room temperature.
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Fig. 4. 2D WAXD images of PP-A and PP-B at selected times after shear (shear rate=60s~', duration=>5s and 7=155 °C.

rings of uniform intensity overlapping with the equatorial and
off-meridional arcs. This is due to the formation of unoriented
crystals at the later stages. Qualitatively, the degree of crystal
orientation appeared to be higher in PP-B than PP-A. These
observations are in according with the corresponding SAXS
results (Fig. 2). Results from the quantitative analysis will be
presented in later sections.

3.2.2. WAXD images at room temperature

Fig. 5 shows WAXD patterns obtained after cooling the
sheared melt to room temperature. As before, the sheared melt
was cooled at the end of the isothermal step; i.e. 30 min after
shear. It was seen that the intensities of crystal reflections, both
arcs and rings, were substantially increased in room tempera-
ture images due to the increase in the crystal volume fractions
upon cooling. These results were consistent with the SAXS
results, and can be attributed to (1) perfection and growth of
initially formed crystals, and (2) simultaneous nucleation and
growth of new crystals. WAXD patterns also showed higher
order crystal reflections, indicated by the arrows in Fig. 5,
which again was indicative of a certain degree of perfection in
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Flow
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the alignment of chain segments within the oriented lamellae or
kebabs.

3.3. Analysis of rheo-SAXS and -WAXD data

3.3.1. Oriented fraction
The total integrated SAXS intensity can be represented as
follows

Itotal[s’¢] = Iunorienled [S] + Ioriented [S,d)] (1)

where, s=2sinf/\ is the scattering vector, 20 is the scattering
angle, and ¢ is the azimuthal angle. Inorientea 1S azimuthal
independent (a function of s only), while I ;eneq 1S azimuthal
dependent (a function of s and ¢). An image—image subtraction
procedure, the Halo method [38], was used to deconvolute the
total scattering into contributions due to the oriented and
unoriented structures. For example, Fig. 6(a) shows 2D, as
acquired total scattering pattern (of PP-B 30 min after shear),
and contributions due to the oriented and unoriented parts
obtained after deconvolution. Numerical values of the
corresponding integrated intensities were obtained from these
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Fig. 5. 2D WAXD images of sheared PP-A and PP-B at room temperature. Note that sheared melt was kept at 155 °C for 30 min after cessation of shear, and then

cooled to room temperature.
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Fig. 6. (a) Total SAXS intensity pattern of sheared PP-B sample and
contributions due to the oriented and unoriented part obtained after
deconvolution by the Halo method. (b) Oriented fraction, f, as a function of
time after shear for PP-A and PP-B (shear rate =60 s~ l, duration=5sand T=
155 °C).

2D patterns. Oriented fraction, f, is defined as the ratio of
integrated intensity due to the oriented structures and total
intensity. Fig. 6(b) shows the calculated f values as a function
of time for the two samples. In both samples, f was high in the
beginning; immediately after shear, it decreased and appeared
to reach a plateau value at later times. This observation can be
explained as follows. In the beginning, a short time after shear,
the polymer melt primarily consisted of the oriented crystals
and its contribution to the total intensity was significantly
higher than the contribution due to the unoriented crystals. As a
result, high values of f were obtained. Later, the unoriented
crystals evolved and grew, increasing its contribution to the
total intensity and the relative contribution due to the oriented
crystals decrease. Hence, f decreased with time after shear.
Fig. 6(b) shows that f is higher for PP-B than PP-A. Similar
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analysis of the SAXS patterns at room temperature (Fig. 3)
gives f values for the final crystallized polymer. The calculated
value of f was higher for fully crystallized PP-B (0.77) than PP-
A (0.7) at room temperature. These effects could only be
attributed to the higher amount of high molecular weight
species in PP-B compared to that in PP-A.

3.3.2. Lamellae spacing

Long spacing (or long period) between the kebabs, L=
27/Smax, Was estimated from the position of the intensity
maxima along the meridian in the SAXS patterns. Fig. 7 shows
time evolution of Lorentz corrected meridional intensity
profiles for the two samples. Fig. 8 illustrates the value of
long spacing as a function of time. At early times, L was found
to be about 44 and 46 nm for PP-A and PP-B, respectively.
Later, it decreased and appeared to reach a plateau value (the L
value at 30 min after shear was about 35 and 39 nm for PP-A
and PP-B, respectively). The L value of PP-A was consistently
smaller than that of PP-B, where the decreasing trends were
similar in both samples. Generally, the long period value
depends on the degree of supercooling, AT, under isothermal
crystallization. As the melting point for both PP-A and PP-B
samples is the same and their molecular distributions are very
close, the slightly larger long period value in PP-B than PP-A
(by 2-5 nm) is somewhat unexpected. This behavior must be
related to the greater amount of the high molecular weight
species in PP-B, which can form a larger dimension of shish
under flow and result in a slightly less dense kebab formation
on the shish. The decreasing trend in L suggests the following.
The initially formed shish-kebab structures have a loosely
packed lamellar structure and hence a high value of L. This is
because at the early stages of kebab formation, the arrangement
of chain segments may not be as in a perfect folded chain
lamellae crystal. During the growth phase, lamellae chain
segments can reorganize, admittedly to a small extent, which
would affect L. Also, new kebabs can nucleate at a different
location along the shish. These events would lead to the
decrease in L at the early stages before reaching a plateau
value.
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Fig. 7. Lorentz corrected SAXS intensity profiles taken along the meridian as a function of time after shear for PP-A and PP-B (shear rate =60 s~ !, duration=5 s and
T=155 °C). The long period or the spacing between adjacent lamellae was determined from the position of maxima in these profiles.
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Fig. 8. Time evolution of long period after shear for PP-A and PP-B (shear
rate=60 s~ !, duration=5 s and T=155 °C).

Fig. 9 shows the Lorentz corrected intensity profiles along
the meridian and the calculated values of L for PP-A and PP-B
after cooling to the room temperature. The L value was also
higher in PP-B (32 nm) than in PP-A (30 nm) at room
temperature. The sharper scattering peaks in the profile of
PP-B indicate that the lamellar packing in PP-B was more
ordered than PP-A, which can be attributed to the better
oriented shish—-kebab structure formed initially. This again
confirms that the precursor structure developed at the initial
stage of flow-induced crystallization dictates the final
morphology.

3.3.3. Azimuthal intensity profiles

The azimuthal angle, ¢, is 0 or 180° along the equator and
90 or 270° along the meridian. For each ¢, the average intensity
at 260 (=12.6°+0.17°) of (110) reflection was extracted from
the 2D WAXD patterns. Figs. 10 and 11 show the
corresponding azimuthal intensity profiles for PP-A and PP-
B, respectively. The azimuthal breadth, B, was estimated from
the full width at half maximum (FWHM) of the peak along
equator. It is seen in these figures that the degree of orientation
or By reaches a steady state value rather quickly, about 5 min
after cessation of shear. The much sharper peaks in PP-B than

® PP-A
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I
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Fig. 9. Spacing between lamellae stacks at room temperature for PP-A and PP-B.
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Fig. 10. Azimuthal intensity profiles at 26 of (110) a reflection of /PP as a
function of time after shear for PP-A (shear rate=60s" l, duration=35 s and
T=155°C).

in PP-A indicate the higher crystal orientation in PP-B than in
PP-A.

3.3.4. Oriented and unoriented crystals fraction

As mentioned above, diffraction intensity due to the
oriented crystals is azimuthal dependent, while that due to
the unoriented crystals (and amorphous phase) is azimuthal
independent. Using the Halo method, contributions due to the
oriented and unoriented crystals were obtained by deconvolu-
tion of Fraser-corrected 2D WAXD intensity patterns [38].
Circularly averaged WAXD intensity profiles were extracted
from the 2D images for evaluation of the crystallinity index
(representing the true crystallinity) due to the total (X)),
oriented (X,) and unoriented (X,) crystals. As an example,
Fig. 12 shows the total intensity pattern (of PP-B at =30 min),
and contributions due to the unoriented and oriented
components. The average intensity profiles, extracted from
the corresponding patterns, are also shown in this figure. A
standard peak-fitting routine [33-34] was used to fit the
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Fig. 11. Azimuthal intensity profiles at 26 of (110) a reflection of /PP as a
function of time after shear for PP-B (shear rate =60 s_l, duration=5 s and
T=155°C).
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Fig. 12. Fraser corrected total WAXD intensity pattern of sheared PP-B sample and contributions due to oriented and unoriented part obtained after deconvolution by
the Halo method [38]. The plot shows circularly averaged WAXD intensity profiles extracted from the total, oriented and unoriented parts.

crystalline peaks and amorphous phase halo in the intensity
profiles. The normalized integrated intensity of each reflection
(peak area) and amorphous background was obtained from the
above fitting.

The total crystallinity index was determined after subtrac-
tion of the amorphous contribution in the total intensity profile.
A, A, and A, represent the area sums of all diffraction peaks in
the intensity profiles of total, oriented and unoriented crystals;
respectively. The calculated values of the three area sums have
the following relationship: A;=A, +A,. This relationship was
also confirmed by the addition rule of the three circularly
averaged intensity profiles extracted from their corresponding
2D patterns (Fig. 12). The latter method provided an internal
check for the accuracy of the image-image subtraction
procedure using the Halo method [38]. The crystallinity
index due to the oriented and unoriented crystals was obtained
from the corresponding area sums, as follows:

X, A, (2)
X, A,
X, = X, + X, 3)
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Fig. 13. The total crystallinity index, and contributions due to oriented and
unoriented crystals (WAXD) as a function of time after shear for PP-A (shear
rate=60 s~ !, duration=5 s and T=155 °C).

Figs. 13 and 14 show the values of X,, X, and X, as a
function of time after shear for PP-A and PP-B, respectively.
As expected, at early times after shear, X,, X, and X,, are higher
for PP-B than PP-A. X, X, and X, increased with time and
reached a plateau value for both samples, where the nature of
these curves or the overall crystallization behavior appeared to
be similar. It was seen later that, while the plateau values of X;
and X, were higher for PP-B than PP-A, the plateau value of X,
was about the same for both polymers. This can be explained as
follows: The quantity of oriented crystals formed was higher
for PP-B than PP-A; however, since the quantity of the
unoriented crystals was also higher, the calculated value of the
ratio, X, (= oriented crystals/total crystals), was about the
same at the later stages. The half-time of crystallization, #,,,
was used to characterize the overall crystallization kinetics.
Fig. 15 shows the relative crystallinity index (total), which is
Xi(t) divided by its plateau value, for both samples. The half-
time of crystallization was determined as the time when the
relative crystallinity index reached the 0.5 value. It was about
8 min for PP-B compared to about 10.25 min for PP-A. Thus,
the overall crystallization rate was higher for PP-B than PP-A.
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Fig. 14. The total crystallinity index, and contributions due to oriented and
unoriented crystals (WAXD) as a function of time after shear for PP-B (shear
rate =60 s_', duration=>5 s and T=155 °C).
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Fig. 15. Half-time of crystallization for PP-A and PP-B (shear rate =605,

duration=>5 s and T=155 °C).

4. Discussion

In situ rheo-SAXS and -WAXD results of the two iPP
samples clearly showed that even a small increase in the
amount of high molecular weight species (Fig. 1) enhanced the
degree of crystal orientation (Figs. 10 and 11), and increased
the oriented crystals fraction (Fig. 6) and crystallization rate
(Fig. 15). Ideally, it is desired to image individual polymer
chains as they reorganize to form crystals in real time. With
current technology, observation of selective chains (particu-
larly the high MW species) at the molecular level in polymer
melts is difficult. It is generally believed, as evidenced by
studies cited in the introduction section, that the basic
mechanisms by which polymer chain length affects polymer
crystallization kinetics and morphology is due to the extent of
molecular orientation and/or stretching in flow as well as its
relaxation behavior after cessation of flow. However, recently,
different models for the role of the long chains were proposed.
For example, Kornfield and coworkers [39] proposed that the
primary mechanism, by which long chains enhanced the
formation of row-nucleated structures, was the elaboration of
point-like precursors into threads. It was claimed that the
mechanism does not preferentially involve the most oriented
chains or the long chains in the melt. The local stress or average
level of segmental orientation was thought to be the dominant
factor in determining the rate of formation of point-nuclei. The
hypothesis that the addition of long chains would greatly
enhance the formation of point-like nuclei following shear
because of the stronger orientation of the longest molecules due
to their long relaxation times was negated. On the other hand,
Acierno, et al. [30] found that in shear, the transition to rod-like
crystalline structure took place upon increasing the molecular
weight. They concluded that the oriented long chains must be
involved in the formation of shish. Our results concur with this
scenario. Indeed, the local stress will govern segmental
orientation as well as chain stretch. How to determine the
differences in the local stress experienced by the short and long
chains in flow and its relaxation after cessation of flow is not
clear. In this regard, we believe that our experimental results
provide new insights into the nature of oriented microstructures

as they evolve in the sheared melt, especially because of the
high sensitivity of in situ rheo-SAXS and -WAXD techniques.
To help us understand the role of long chains at the molecular
level, we follow the well-established Doi-Edwards model of
polymer chain motion in dilute solution studies of dynamics of
chain conformation in flow by S. Chu et al. [40-43].
Specifically, we focus on how chain-length affects: (1) the
forces governing chain motion or reptation and relaxation
behavior, and (2) the dynamics of chain conformation in flow.

4.1. Chain reptation and relaxation behavior

The basic concepts of the Doi-Edwards model are as follows
[44]. In this model, the tube represents the constraints exerted
on a given chain by the surrounding ones, the axis of which
deforms affinely with the continuum. The tube diameter is
assumed to remain constant and approximated as the
entanglement mesh size. The chain tension or recoil, F, is
assumed to have a constant value of 3k7/a, where kT is the
thermal energy and a is the tube diameter. The stress tensor is
calculated from the ensemble average <FR>, where R is the
end-to-end vector of a chain segment. Since, F is a constant,
stress is due to the flow-induced orientational anisotropy of
chain segments. Relaxation of the chain conformation occurs
through the 1D diffusion of the chain out of the old tube; a
process called reptation by de Gennes [45]. The original model
predicts that, for monodisperse polymer melts, reptation time,
Tp, scales as 3 power of M,, which is very close to the
experimental value of 3.4. Over the past two decades, many
modifications have been proposed to bring original theory in
accord with experiment. The concept of ‘contour-length
fluctuations’ [46] (CLF) was introduced, which shortens the
portion of the tube that remains occupied. In polydisperse
systems, ‘constraint-release’ [47] (CR) due to motion of the
surrounding chains, often termed as ‘double reptation’ [48—49],
was incorporated. Both CLF and CR reduce the stress and
contribute to additional relaxation; thereby decreasing 7 with
respect to the prediction of the original reptation theory. We
note that even in the model incorporating both CLF and CR, the
stress is assumed to arise only due to segmental orientation, and
is invalid only for small and slow deformations or slow flows.
In the nonlinear range, i.e. large and fast deformations or fast
flows, ‘chain stretch’ (CS) and ‘convective constraint release’
[44,50] (CCR) mechanisms become operative, even dominant.
CS occurs when the imposed flow time scale, reciprocal shear
rate (1) /elongational rate (¢ 1 rate is less than the Rouse
relaxation time, 7g. Chain stretch increases the tension in the
chain above the equilibrium value of 3 kT/a and hence
increases the stress. CCR takes place as soon as the flow
time scale is smaller than the reptation or disengagement time,
7p. Although CCR is an additional relaxation mechanism, it
may work in the direction of increasing the stress, especially in
shear flows [51]. It must be mentioned here that the assumption
of constant tube diameter in the standard model has been
challenged; it has been suggested that tube diameter and
distance between entanglements should be affected by flow
[52-53]. However, the systematic analysis is not yet available.



5666 R.H. Somani et al. / Polymer 47 (2006) 5657-5668

Nevertheless, the above discussion allows us to predict the
effects of chain length or molecular weight on its motion in an
entangled melt.

Thus, especially in fast flows like those used in our
experiments, high molecular weight (or long) chains will
exhibit not only a high degree of chain segment orientation but
also probably increased chain stretch compared to that of low
molecular weight chains. The recent experiments by McLeash
et al. [54] provide some clues for the relaxation behavior of the
flow-induced segmental orientation. They used a contraction
device in which the macroscopic stress field and microscopic
conformation of polymer molecules in flow was imaged
optically and by small-angle neutron scattering. The scattering
map revealed that the orientation at the length scale of the
entire chain decays considerably more slowly than at the
smaller entanglement length. To estimate the relative differ-
ence in the relaxation time of the long and short chains in the
polypropylene samples of the present study, reptation time for
the long chains, 71, was estimated from the z-average
molecular weight, M, (approximating average length of long
chains in the distribution) and that for the short chains, 7, from
the weight average molecular weight, M, (approximating
average length of chains in the surrounding matrix). Thus, the
ratio 71 /7, is 60 for PP-B polymer compared to about 32 for PP-
A polymer. The results of in situ rheo-SAXS experiments
clearly showed that equatorial streak or shish evolved
immediately after shear (+=0.5 min) in PP-B (Fig. 2), while
the corresponding pattern of PP-A did not show any equatorial
scattering. The only difference in the two samples is that PP-B
has higher amount high M,, species compared to that in PP-A.
The shorter time of evolution of shish in PP-B is a direct
evidence that it must have originated from the aligned chain
segments of the long chains in PP-B that are expected to exhibit
higher orientation in flow and, subsequently, longer relaxtion
time after cessation of flow. The corresponding rheo-WAXD
results (Fig. 4), which showed evolution of the oriented crystals
immediately following shear in the patterns of PP-B, while no
crystals were observed in the patterns of PP-A, provide further
evidence for the above.

4.2. Dynamics of chain conformation in flow

We start with the first effect of the imposed flow on coiled
polymer chains. The coiled chain begins to deform when the
force due to hydrodynamic friction across the molecule
exceeds the entropic elasticity that tends to coil it. The
amount of distortion in flow; with respect to the equilibrium
and isotropic state, obviously, depends upon the flow type
and the intensity as well as the molecular characteristics. In
addition, molecular interactions with the surrounding medium
affect its behavior, both in flow and after cessation of flow. This
is especially significant in the case of entangled polymer melts
compared to dilute solutions. At present, there are no reported
studies of the conformational dynamics of individual polymer
molecules in an entangled melt; however, the dilute solutions
studies could be used as a guide. In dilute solutions under
extensional flow, formation of the shish—kebab structures is

best explained by the concept of coil-stretch transition
proposed by de Gennes [55]. Accordingly, in the coiled state
interior, monomer units are hydrodynamically shielded from
the full velocity field as a result of nearby portions of the same
polymer chain. However, as the molecule stretches, the
hydrodynamic force exerted by the surrounding fluid increases
and is able to exert a stronger frictional grip. Using simple
polymer kinetic theory, de Gennes predicted that a polymer
chain followed an S-shaped diagram of chain extension versus
deformation rate. In steady-flow, the chain adopts one of the
two stable molecular conformations: a highly stretched state or
a compacted coiled state. Recently, Muthukumar et al. [6]
calculated free energy landscape for dilute polymer solution
(with monodisperse chains) under extensional flow. Their
simulation results showed two populations of conformations:
stretched and coiled, where the stretched chains crystallize into
shish and the coiled chains form lamellae that are subsequently
adsorbed onto the shish forming the kebabs.

The concept of coil-stretch transition was experimentally
verified by direct, visual observations of the conformational
dynamics of individual, flexible DNA molecules (that can be
considered to resemble a polymer chain) in dilute solutions
using video fluorescence microscopy by S. Chu et al. [1,39-
42]. Their results showed that, in pure elongational flow, the
extension approached very rapidly to a value close to the full
contour length of the chain at relatively low strain rates,
consistent with the predictions of de Gennes. However, in
steady-state shear, the mean fractional extension was found to
approach an asymptotic value of only 0.4-0.5 even at high
values of flow intensity. They observed a strong heterogeneity
in the dynamics and conformations of individual chains in
flow. The conformation changed continuously, and at various
times dumbbell, half-dumbbell, kinked, folded or hairpin
shapes were observed. The observed fluctuations in molecular
extension were attributed in part to the wide spectrum of initial,
equilibrium conformations of each molecule upon flow
inception. In shear flow, the extension increased when the
chain segments were aligned with the flow eigenvector.
Eventually, Brownian motion ‘kicks’ the molecule out of this
orientation. The molecules tumble, stretch and retract in a
stochastic manner depending on the coupling of the hydro-
dynamic drag forces and the Brownian forces. Our recent
in situ X-ray and ex situ SEM results showed formation of
shish-kebab entity with multiple shish in a sheared poly-
ethylene blend [56]. We take guidance from the above-
mentioned experimental observations and theoretical predic-
tions, and present below our thoughts on the events during
deformation of an entangled melt and the role oriented long
chains in the formation shish.

First, the extent of orientation and/or stretching of monomer
segments or sections of a polymer chain, confined between the
entanglement points, depends upon their initial equilibrium
conformation. In an entangled melt of polymer chains, chain
segments that are aligned with the flow eigenvector orient
and/or stretch. Let us call the resulting parallel conformation of
one segment as ‘|| segment’. Each chain consists of many ||
segments randomly located along its length. Note that, based
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on the laws of probability; some || segment’s of one chain will
be closer to each other, while the others will be far apart. As the
|| segments are formed, the other segments near || segment’s
that were previously shielded are now exposed to full flow
field. Drawing analogy from the dilute solution studies,
mentioned above, these segments or chain sections can unwind
resulting in fast and abrupt coil-stretch-like transition of a
certain length of the chain (probably on the order of persistent
length). Assume that ‘SL’ represents stretched length associ-
ated with one ‘|| segment’. Due to simultaneous unwinding of
many || segments, it is likely that several ‘SL’ combine to form
a long stretched length (on the order of multiple persistent
lengths). Thus, after deformation, the initial entangled ‘mesh’
formed by several polymer chains exhibits several sections
consisting of stretched chain lengths aligned parallel to each
other. On the other hand, the chain segments that are not
aligned with the flow field do not substantially orient and/or
stretch, resulting in sections remained in the coiled state.

If we assume that, after cessation of flow, the relaxation
of segmental orientation in the stretched sections follows the
double reptation model with CS and CCR, we expect that,
for the two similar polymers like PP-A and PP-B, the
stretched length or its molecular weight will have the
strongest influence. Also, from simple probability theory, it
may be estimated that the long chains should have a larger
number of the stretched sections compared to those in the
short chains. These stretched sections form shish that
manifest as equatorial streaks in the SAXS patterns. The
streaks evolved almost instantaneously after shear in PP-B;
while, at the same time, no streaks were observed in PP-A
(SAXS pattern at r=0.5 min, Fig. 1). These results clearly
indicate that the detectable concentration of shish was
formed in PP-B immediately after shear, while it could only
be detected at the later times in PP-A. This can only be
attributed to the higher amount of long chains or high Mw
species in PP-B compared to PP-A. In addition, as one
might expect, the crystallization rate was higher for PP-B
than PP-A (Fig. 15). This is again due to higher
concentration of primary linear nuclei or shish, which
strengthens the above hypothesis. Furthermore, the oriented
crystal fraction was higher for PP-B compared to PP-A
[Fig. 6(b) (SAXS), and Figs. 13 and 14 (WAXD)]. Hence
we conclude that even a small increase in the concentration
of high molecular weight species causes a significant
increase in the formation, stability and concentration of
the flow-induced oriented microstructure, especially linear
nuclei or shish, and the final polymer morphology.

On the molecular level, this may be because of the following
mechaism. When a polymer melt, consisting of entangled
chains of different lengths, is deformed, the chain segments that
are aligned with the flow eigenvector would exhibit the abrupt
coil-stretch-like transition, while the other segments could
remain in the coiled state. Since, flow-induced orientation
decays much more slowly for long chains than for short chains,
oriented high molecular weight species play a prominent role
in the formation of stretched sections with chain segments
aligned parallel to each other or shish.

5. Conclusions

The in situ rheo-SAXS and -WAXD results of two iPP
samples with similar M,, but different M,, clearly demonstrated
the effects of high molecular weight species on its crystal-
lization behavior under flow. The important concluding
remarks of this study can be summarized as follows.

1. The /PP sample containing a larger amount of long chain
species exhibited: (a) higher degree of crystal orientation,
(b) higher amount of the oriented crystal fraction, and (c)
faster crystallization kinetics (i.e. shorter value of 7;,,).

2. The shorter evolution time of shish, initiated from the
bundle of aligned chain segments, in the ;PP sample with a
higher amount of high molecular weight species is a strong
evidence to support the hypothesis that the long chains are
responsible for the shish formation. This is because long
chains have more sections that exhibit a higher degree of
orientation and/or stretching and, subsequently, longer
relaxation times after cessation of flow compared to the
short chains, consistent with the predictions of the double
reptation model of chain motion and dilute solution studies
of the dynamics of chain conformation in flow.

3. The crystallization precursor structure (i.e. the landscape of
the shish—-kebab network) induced by flow at the initial
stage of crystallization clearly define the final morphology
of the sample at room temperature.
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